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Available online 14 December 2018Nitrogen gas atomised powders of the hardfacing alloy Tristelle 5183 (Fe-21%Cr-10%Ni-7%Nb-5%Si-2%C in wt%)
were sieved into different particle size ranges and theirmicrostructures have been investigated. Powder particles
larger than approximately 53 μm are composed of dendritic fcc γ-Fe as the principal phase with smaller quanti-
ties of: α-Fe, an interdendritic silicide phase isostructural to Fe5Ni3Si2, and Nb(C,N). Particles b53 μm have in-
creasing quantities of either dendritic α-Fe or cellular silicide phase with decreasing amounts of γ-Fe as the
particle size decreases, alongwith ~5%Nb(C,N). Coarse (N 10 μm)sizedNb(C,N) particles, that are seen in all pow-
der size fractions, pre-existed in the melt prior to atomisation, whereas micron-sized Nb(C,N) particles that are
found within α-Fe, γ-Fe or silicide are the primary solidiﬁcation phase. Nanoscale Nb(C,N) also formed
interdendritically in the last stages of solidiﬁcation. Compared with a mould cast sample, a signiﬁcant difference
is the suppression of M7C3 formation in all powder size ranges. The increasing quantities of α-Fe and silicide in
smaller sized powder particles is consistentwith increased undercooling prior to nucleation permittingmetasta-
ble phase formation.k (M.J. Carringto
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access article under1. Introduction
Engineering components that are subject to wear, corrosion and/or
oxidation are often given some form of surface engineering treatment
to enhance their performance in aggressive environments. There are
many techniques for applying protective coatings to a substrate andthe CC BY license (http://creativecommons.org/licenses/by/4.0/).
Table 1
Composition of the Tristelle 5183 alloy as determined by chemical analysis.
Fe Cr Ni Nb Si C N Other
wt% Bal. 21.72 10.39 6.90 4.67 2.08 0.05 0.73
at.% Bal. 21.07 8.93 3.75 8.40 8.75 0.17 0.63
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hardfacings are commonlyusedwhen there is thepossibility of signiﬁcant
wear and the need for long intervals between refurbishment. Cobalt-
based weld hardfacing alloys are currently employed extensively and,
more speciﬁcally, the Stellite™ family of alloys has found particularly
widespread application because of their excellent performance in mini-
mizing wear, corrosion and oxidation in many environments [1]. How-
ever, the use of cobalt-based hardfacing alloys is not always ideal. First,
cobalt metal is a scarce commodity and is in increasing demand for use
in batteries as well as many other ﬁelds [2]. Secondly, in nuclear applica-
tions, there is a need to reduce the cobalt content in alloys used to protect
components in the primary circuit of a pressurized water reactor (PWR)
power plant. When circulated through the reactor core, Co-based wear
debris undergoes nuclear activation via neutron bombardment such
that 59Co is transmuted to the γ-emitting isotope 60Co. The resulting
60Cobased radioactive debris has both ahighand long-livednuclear activ-
ity which is a hazard for maintenance personnel.
Consequently, signiﬁcant efforts are being made to develop wear
and corrosion resistant low-Co, iron-based alloys as described, for ex-
ample, in references [3–8]. Alloys such as NOREM [9], Kennametal
Stellite™ Tristelle 5183 [10–13] and more recently Nitromaxx [14]
and RR2450 [6,13] have received signiﬁcant attention. Traditionally,
many of these hardfacing alloys have been designed forweld deposition
with ﬁller wire or plasma transferred arc (PTA) welding with the alloy
in powder form. Tristelle 5183, which is the material of interest in the
present paper, has the nominal composition Fe-21%Cr-10%Ni-7.5%Nb-
5%Si-2%C (in wt%). It is reported to have good weldability and the
weld deposited microstructure is described as comprising globular nio-
bium carbide particles, a largely austenitic (fcc) dendritic iron-based
matrix which is surrounded by an interdendritic, pearlitic-type eutectic
containing a chromium carbide phase [10]. However, there is no clear
understanding of how cooling rate affects microstructure formation.
The corrosion andmechanical behaviour of Tristelle 5183 in comparison
with Stellite 6 and other low cobalt alloys has been reported in, for ex-
ample, references [3, 4, 9, 11, 13, 15, 16].
There are, however, disadvantages associated with theweld deposi-
tion of hardfacing layers. They inherently suffer frommicrostructural in-
homogeneity, inclusions, porosity and weld metal dilution. Weld metal
cracking, component distortion, heat affected zones within the sub-
strate and residual stresses can also occur. Due to the safety critical na-
ture and the long design lives required of the components used in
nuclear applications, it is mandatory that the highest quality
hardfacings are used. Therefore, interest has grown in producing
hardfacing alloys by powder hot isostatic pressing (HIPing) [17]. Advan-
tages of HIPing include better chemical andmicrostructural homogene-
ity and fewer defects [17]. Tristelle 5183 powder is manufactured by
inert gas atomisation [18] and subsequently consolidated by HIPing at
around 1100 to 1200 °C and ~100 MPa. HIP diffusion bonding is then
used to join inserts, previously manufactured by HIP consolidation, to
component substrates (typically 316 stainless steel) [19].
Whilst the importance of ensuring that Tristelle 5183 powder con-
tains minimal undesirable inclusions is reviewed in reference [20],
there is, to date, no work which investigates powder microstructure as
a function of cooling rate, i.e. particle diameter. This topic is important
because a wide powder particle size range, e.g. diameters below 500
μm, is typically employed in the powder HIPing process [21]. It is well
known that gas atomized powder particles of different diameters cool
at different rates, typically in the range 104 to 106 K/ s [18,22–24] How-
ever, it is currently not clear how cooling rate affectsmicrostructure for-
mation in the complex alloy under investigation in this study. At high
cooling rates, different combinations of equilibrium and non-
equilibrium phases may well form in powder particles of different
sizes. This needs to be understood in order to properly select the pow-
der size range used in HIP consolidation. A detailed investigation of
the effect of cooling rate on microstructure formation in powder parti-
cles is crucial because a variation in the powder microstructure couldaffect the uniformity of the HIP consolidated product [25] and poten-
tially give rise to undesirable property variations in a component.
Themain aim of the present studywas thus to investigate phase and
microstructure formation in different size ranges of commercially avail-
able nitrogen gas atomized Tristelle 5183 powder in order to better un-
derstand phase selection during solidiﬁcation by comparing the rapidly
solidiﬁed microstructures with that of a conventionally cast alloy
sample.
2. Materials and methods
2.1. Materials
The Tristelle 5183 powder used in this studywas supplied by LSN Dif-
fusion Ltd. (Ammanford, SA18 3GY, UK). The powder was manufactured
using nitrogen gas atomisation to give a near-spherical powder particle
morphology with a size range b 500 μm. A laboratory sieve shaker was
used to separate the supplied powder into the following size fractions:
b20, 20–38, 38–45, 45–53, 53–63, 63–75 and 75–106 μm,with character-
isation of these different powder particle size ranges being undertaken in
this work. The chemical composition of the powder reported in Table 1
was measured by inductively coupled plasma (ICP) spectrometry and
Leco combustion analysis for the assessment of light elements namely,
carbon and nitrogen. A conventionally cast sample of the alloy was ob-
tained from the melt in the crucible just prior to gas atomisation. The
alloy was poured from a ladle into a small hexagonal shaped ceramic
shell mould to give a solidiﬁed sample ~ 30 × 30 × 12 mm3 in size.
2.2. Materials characterisation
In order to perform microstructural analysis of the powder, sieved
particles from different size ranges were mounted in conducting resin,
ground, diamond polished to a 1 μm ﬁnish and then given a ﬁnal polish
using 0.06 μmcolloidal silica. X-ray diffraction (XRD) analysis of powder
in different size ranges was undertaken on unmounted particles. To ex-
amine the cast 5183 sample microstructure, a section was cut from
around the mid-line of the sample, mounted in resin, ground and
polished as described above.
Backscattered electron (BSE) imaging and electron backscatter dif-
fraction (EBSD) analysis of samples were performed using a JEOL
7100F equipped with a ﬁeld emission gun (FEG) and an Oxford Instru-
ments Nordlys Nano EBSD detector. BSE imaging and EBSD were typi-
cally performed at an accelerating voltage of 15 kV. Oxford
Instruments Aztec software was used to acquire EBSD data.
To examine powder samples in the transmission electron microscope
(TEM), thin TEM lamellae were prepared using a focused ion beam (FIB)
lift-out method. A FEI Scios DualBeam was employed for the initial prep-
aration of site speciﬁc TEM lamellaewhereby a standard lift out procedure
was employed to achieve a sample thickness of ~150 nm. These lamellae
required further thinning and cleaning for high resolution TEM (HRTEM).
Both sideswere thinned in a FEI Quanta 200 3DDualBeamemploying Ga-
ions at an accelerating voltage of 10 kV and at an angle of±2° to the sam-
ple surface to achieve a ﬁnal sample thickness of ~100 nm. These addi-
tional FIB operations were performed diagonally across the sample
surface and not in the direction of the original FIB operations.
A FEG source, FEI Talos F200X TEM operating at 200 kV was utilised
for both scanning transmission electron microscopy (STEM) and ele-
mental mapping via energy dispersive spectroscopy (EDS). The TEM-
EDS mapping was performed using an FEI Super-X integrated EDS
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selected area diffraction (SAD) and high resolution transmission elec-
tron microscopy (HRTEM).
A Bragg-Brentano conﬁgured Bruker D500 X-ray diffractometer
employing Cu–Kα radiation (λ=0.15418 nm), equipped with a second-
ary beam graphite monochromator, was used for the identiﬁcation of the
phases present in the different powder size fractions. Scans were per-
formed with a step size of 0.04° and a dwell time per step of 22 s in the
2θ range 20 to 120°. Rietveld reﬁnements [26] were performed on XRD
patterns using Topas V6 software in an effort to estimate phase fractions
and to establish estimates for the reﬁned lattice parameters. The so-
called fundamental parameters approach to X-ray line proﬁle ﬁtting
[27]was employed in the reﬁnements presented in this study. The funda-
mental parameters approach is a convolution approach to line proﬁle
ﬁtting whereby the ﬁnal line proﬁle can be built up from instrumental
and sample aberrations which are convoluted with the emission proﬁle.Fig. 1. XRD patterns obtained from the different powder size fractions of gas atomised Triste3. Results
Powder particles in all size-ranges had a near-spherical external
morphology, with evidence of attached satellites, consistent with man-
ufacture by inert gas atomisation. The determination of the phases pres-
ent and analysis of the microstructural features are described in the
following sections.
3.1. Phase identiﬁcation in the powder using XRD
Fig. 1 shows representative XRD patterns for the different powder
size fractions normalised to the peak of maximum intensity on each
diffractogram. All patterns show peaks which correspond to fcc γ‑iron
(austenite) at 2θ ~ 43.5°, 51° and 75°. Additionally, the patterns also
have peaks at 2θ ~ 45°, 65° and 82.5°which index to bccα‑iron (ferrite).
The relative intensities of both the bcc α‑iron and fcc γ‑iron reﬂectionslle 5183. The vertical markers indicate the Bragg peak positions for the different phases.
Table 2
Comparison of measured and literature values for the lattice parameters of the silicide
phases.
Sample Phase Lattice parameter (nm)
b20 μm powder
Silicide-1 0.6224
Silicide-2 0.6298
63–75 μm powder
Silicide-1 0.6222
Silicide-2 0.6302
Ackerbauer et al. [29] Fe5Ni3Si2 0.6146–0.6124
Gladyshevskii et al. [30] Cr3Ni5Si2 0.6120
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ﬂections exhibit a relative increase in intensity as the powder size de-
creases and the γ‑iron reﬂections show a signiﬁcant relative decrease
in intensity with decreasing powder size.
All patterns show the presence of a B1 (Fm3m) NaCl-type, fcc MX
carbonitride (M = metal atom, X = C,N) with a lattice parameter
close to that of NbC [ICDD ﬁle #01-070-8416 for NbC]. The reﬂections
consistent with this phase are clearly complex and can be interpreted
as coming from three distinct populations of MX-type particles referred
to as MX-1, MX-2 and MX-3. The evidence for these three distinct pop-
ulations can be most clearly seen in the relatively low angle {111} (2θ ~
34–37°) and {200} (2θ ~ 39.5–42.5°) reﬂections, which, for clarity have
been marked on Fig. 1. The MX-3 population (at the higher 2θ values in
the range of interest) has the smallest lattice parameter of the threeMX
populations and is consistent with the broad reﬂections that are most
easily visible in the smaller powder size fractions. We interpret the re-
maining asymmetric reﬂections consistent with the MX carbonitride
(at slightly lower 2θ values than theMX-3 peaks) as a convolution of re-
ﬂections from the MX-1 and MX-2 populations. The asymmetry is a re-
sult of two effects: ﬁrst, a population of particles, MX-2, that are
compositionally non-uniform; and secondly, a population of particles,Fig. 2. Experimental XRD patterns (black) for the b20 μm and 63–75 μm powder size fractio
difference between experimental and calculated diffraction patterns is presented in grey. The
fraction).MX-1, that are microstructurally sparse and equilibriated, giving rise
to peak height ratios that deviate from the ICDD database values for
NbC. This analysis, based around an assumption of three populations,
is justiﬁed by and entirely consistent with the microstructural observa-
tions on Nb(C,N) set out in Sections 3.2 and 3.3.
An additional two sets of reﬂections, consistentwith an intermetallic
silicide phase, are seen in all the diffraction patterns. This phase is cubic
and isostructural to Fe5Ni3Si2 and Cr3Ni5Si2 [5,28,29]. These two sets of
intermetallic silicide reﬂections are referred to as silicide-1 and silicide-
2. The presence of two different sets of silicide reﬂections ismost clearly
illustrated by the two reﬂections situated at 2θ angles between 48° and
49°. The relative intensity of the silicide phase with the larger 2θ values
(that designated silicide-1) clearly increases as the powder size de-
creases therefore, suggesting that this phase is present in a higher frac-
tion in the smaller powder particles. The reﬁned values of the lattice
parameters of the silicide phases are reported in Table 2. The values dif-
fer signiﬁcantly from the values reported in references [29, 30] but this
is not surprising as in the present study the silicides formed under non-
equilibrium conditions involving rapid growth from the melt whereas
in previous studies solid state equilibrated systems were examined.
Overall, it is clear that there are broad similarities between the XRD
patterns for 53–63, 63–75 and 75–106 μm powder size fractions. How-
ever, as the powder size decreases the diffraction patterns show more
prominent α-Fe and silicide reﬂections. In light of the above, further
analysis of XRD patterns was conducted on only two powder size frac-
tions. These have been chosen as they are representative of the signiﬁ-
cant differences that are observed. The size fractions selected were the
63–75 μm size fraction (representative of the larger powder particles)
and the b20 μm fraction (the smallest size range in the study). The
Rietveld reﬁnement method, employing a fundamental parameters ap-
proach, was applied to obtain quantitative estimates for phase fraction
values as well as to determine reﬁned lattice parameters. Fig. 2 showsns. Calculated patterns determined via Rietveld reﬁnement are indicated in red and the
vertical markers indicate the reﬁned Bragg peak positions (based on the b20 μm powder
Fig. 3. (a) Depicts a bar chart showing the proportions of phases in the b20 μm and 63–75 μm powder size fractions from Rietveld reﬁnements of XRD data. (b) shows a plot of reﬁned
lattice parameters for MX-1, MX-2 and MX-3 against powder size fraction obtained by Rietveld reﬁnement.
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the small difference between the calculated and experimental diffrac-
tion patterns illustrates that a sensible reﬁnement has been achieved.
The calculated phase fractions are reported in Fig. 3(a). The larger size
powder comprises approximately 58% γ-Fe, 30% silicide, 7% α-Fe and
5% MX (in wt%) whereas the b20 μm powder fraction shows signiﬁ-
cantly different phase proportions with approximately 13% γ-Fe, 50%
silicide 32%α-Fe and 5%MX (inwt%). Fig. 3(b) shows the reﬁned lattice
parameters of the MX-1, MX-2 and MX-3 populations in the different
size fractions. It is apparent that the lattice parameter of the MX-1 and
MX-2 populations changes very little with varying size fractionwhereas
that of MX-3 decreases as the powder size decreases. The reﬁned value
of the MX-1 population is close to the value 0.4469 nm given in the In-
ternational Center for Diffraction Data ﬁle (#01-070-8416) for NbC sug-
gesting that only this carbide formed under conditions close to
stoichiometry.
In the section that follows, detailedmicrostructural observations are
reported for the 63–75 μm and b20 μm powder size ranges to comple-
ment the detailed XRD analysis of these two size fractions.
3.2. Microstructure of 63–75 μm sized powder
Backscattered electron (BSE) images of a powder cross-section are
shown in Fig. 4(a) and (b). The bright contrast features, which EDS
showed to be a Nb-rich phase, are the MX populations identiﬁed by
XRD. The single, large ~10 μm-sized Nb(C,N) particle in Fig. 4(a) will
be termed a pre-existing carbide. From its size and rounded morphol-
ogy, it seems probable that this large particle was present in the alloy
melt prior to atomisation. The approximately micron-sized Nb(C,N)
particles in Fig. 4(a) and (b) will be referred to as primary carbonitrides.
These form a ﬁne scale distribution of faceted crystals throughout the
powder particle and are largely entrained within a dendritic network,
Fig. 4(b). Nanoscale Nb(C,N) particles are also evident in the
interdendritic regions (Fig. 4(b)) and will be termed secondary
carbonitrides. The interdendritic phase region could not be deﬁnitively
characterised by SEM-EDS but most likely corresponds to the silicide
phase, isostructural to Fe5Ni3Si2, detected by XRD.
Fig. 4(c) and (d) show an inverse pole ﬁgure (IPF) orientation map
and a phase distribution map respectively, derived from EBSD analysis
of a particle cross-section. A number of dendritic grains ofγ-Fe are pres-
ent which formed during the rapid solidiﬁcation inherent in gas
atomisation. A distribution of the micron-sized primary Nb(C,N) parti-
cles is also evident. The phase map (Fig. 4(d)) clearly shows that the
interdendritic phase is a silicide isostructural with Fe5Ni3Si2. The small
fraction of material that could not be indexed is shown in black.In order to gain further insight into the powder microstructure,
STEM was performed on FIB lamellae prepared from the powder. The
STEM bright ﬁeld image, Fig. 5(a), shows dendritic features that are
Ni-rich and Cr depleted compared to the interdendritic phase (Fig. 5
(b) and (c)). The dendrites are conﬁrmed to be γ-Fe through the SADP
in Fig. 5(d) (regionmarked (d) in Fig. 5(a)). The composition of a typical
dendritic region, given in Table 3, shows signiﬁcant Si in the γ-Fe. The
SADP of Fig. 5(e) conﬁrms that region marked (e) in Fig. 5(a) is a
phase isostructuralwith Fe5Ni3Si2 and the composition of typical silicide
regions, also given in Table 3, shows that the Cr level is almost twice that
of austenite. Finally, the EDSmap of Fig. 5(f) conﬁrms that the nanoscale
interdendritic carbides, seen in the BSE image of Fig. 4(b), are indeedNb
rich. Both the primary and secondary Nb-based carbonitrides are dis-
tinctly visible in Fig. 5(a) and (f). An example of a primary particle
which is entrained within the dendritic network is highlighted by the
larger of the twowhite circles in Fig. 5(a) and (f). Similarly, a secondary
carbonitride residing within the interdendritc region is highlighted by
the smaller of the two white circles in Fig. 5(a) and (f).
3.3. Microstructure of b20 μm sized powder
Fig. 6(a) and (b) show an inverse pole ﬁgure (IPF) orientation map
and a phase distributionmap respectively derived fromSEM/EBSD anal-
ysis of a powder particle cross section. The ferrite (α-Fe) and the silicide
phases both occur as essentially single grains occupying approximately
half the cross-section (Fig. 6(a)). The ferritic phase appears to conform
to an irregular type dendritic morphology; this is particularly evident
at the irregular dendritic front which separates the ferrite from the sili-
cide, thus suggesting that the ferrite nucleated and grew ﬁrst into the
melt before its growthwas terminated by impingementwith the silicide
phase. Micron-sized, Nb(C,N) particles are clearly distinguished in the
phase map (Fig. 6(b)) and are dispersed in both the α-Fe and the
Fe5Ni3Si2 -type silicide phases.
To gain further insight into the microstructure, STEM and HRTEM
were performed on a FIB lamella taken from a powder particle from
the b20 μm size fraction. The bright ﬁeld image, Fig. 7(a), reveals a pre-
dominantly cellular structure with a small dendritic region labelled b in
the top left as well as faceted particles, one of which is labelled c. Fig. 7
(b) and (c) are the SADPs from regions labelled b and c respectively
which conﬁrm that these features are ferrite and fcc NaCl-type Nb(C,
N) respectively. SADPs from the cellular-type matrix region, labelled d,
and intercellular regions, such as e, both have the Fe5Ni3Si2 silicide
phase crystallography, despite showing different STEM contrast. The
compositions of representative ferrite and cellular silicide regions, ob-
tained by TEM-EDS, are given in Table 3. The two phases have similar
Fig. 4. (a) and (b) show SEM images of a cross section through powder particles consistent with the 63–75 μmpowder size fraction. (a) is a lowmagniﬁcation BSE image showing a bright
contrast rounded pre-existing Nb(C,N) particle and uniformly distributed primary Nb(C,N) particles. (b) is a high magniﬁcation BSE image showing the micron-sized primary Nb(C,N)
particles within a dendritic matrix and secondary, nanoscale Nb(C,N) particles in the interdendritic regions. (c) and (d) respectively depict EBSD derived IPFZ orientation phase
distribution maps. The colours of the grains in (c) correspond to the crystallographic axes in the relevant stereographic triangles, the corresponding phases can be identiﬁed in (d).
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icide phase.
Fine nanoscale precipitates are seen to be almost entirely present at
the intercellular boundary silicide regions (circled in Fig. 7(a)) and are
shown in more detail in the STEM bright ﬁeld image, Fig. 8(a). The
EDS map for Nb, Fig. 8(b), reveals that they are Nb rich. The HRTEM
image and corresponding FFT diffraction pattern, Fig. 8(c) and (d), con-
ﬁrm that they are nanoscale Nb(C,N) particles with, in the case of this
precipitate, a lattice parameter ~0.42 nm.
3.4. Microstructural characterisation of cast Tristelle 5183
Fig. 9(a) shows an overlaid, EBSD-derived phase and band contrast
distribution map of a representative section from the as-cast alloy.
Fig. 9(b) shows an inverse pole ﬁgure (IPF) orientation map of the
same section as Fig. 9(a). Fig. 9(c) and (d) are Nb and Si EDS maps of
the same areas. Large scale (20–100 μm) Nb(C,N) particles are present,
some of which show a dendritic morphology, whilst others are clusters
of crystals with different orientations. These Nb(C,N) crystals are dis-
persed in a dendritic matrix which is austenite (γ-Fe), shown as theband contrast (light grey background) region of Fig. 9(a). Four phases
occur in the last regions to solidify (interdendritic regions) which are:
M7C3, bcc α-Fe (ferrite), and ﬁne scale Nb(C,N) phase (Nb-rich and
with a script morphology) and a silicide phase, based on the crystallog-
raphy of Fe5Ni3Si2. The silicide phase is generally foundnext to theα-Fe.
The IPF map, Fig. 9(b) shows that the austenitic dendritic grain size is
large, several hundredmicrons, consistentwith slow cooling in conven-
tional casting. The EDS map for Si (Fig. 9(d)) shows that it is preferen-
tially segregated to the α-Fe and silicide regions. The proportions of
the different phases in the cast structure, obtained from the EBSD
data, are given in Table 4.
4. Discussion
4.1. Mould cast sample
This mould cast sample was obtained by pouring a small melt sam-
ple into a ceramic shell mould just prior to melt atomisation. To com-
pare the cooling rate of the mould cast sample with that of the 63–75
μm powder fraction the secondary dendrite arm spacings of the γ-Fe
Fig. 5. Representative microstructure of a powder particle from the 63–75 μm size fraction. (a) is a bright ﬁeld STEM image showing a dendritic matrix, an interdenritic phase as well as
primary and secondaryNb(C,N) structures. (b), (c) and (f) showX-raymaps of the same region depicted in (a) and correspond tomaps for Cr, Ni andNb respectively. (d) and (e) showSAD
patterns from the areas marked as e and d in (a). (d) shows an SADP indexed to fcc γ-Fe [1–10] zone axis and the pattern in (e) is indexed to a [0−10] zone axis of a phase isostructural to
Fe5Ni3Si2. (f) clearly shows the locations of the Nb-rich particles.
Table 3
Compositions in at.% (excluding carbon) of phases present in gas atomised powder from different size ranges obtained by EDS in the TEM.
Powder size range Phase Element (at.%)
Fe Cr Ni Si Nb
b20 μm
α-Fe dendrites 60.8 ± 0.3 15.3 ± 0.2 11.2 ± 0.3 10.1 ± 0.2 0.2 ± 0.1
Cellular Silicide 54.3 ± 0.1 22.0 ± 0.1 9.7 ± 0.1 10.6 ± 0.1 1.0 ± 0.1
63–75 μm
γ-Fe dendrites 59.2 ± 0.6 17.1 ± 0.2 10.6 ± 0.2 10.5 ± 0.4 0.3 ± 0.1
Interdendritic silicide 43.7 ± 0.3 33.4 ± 0.5 7.1 ± 0.1 11.0 ± 0.3 1.9 ± 0.1
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Table 4
Proportions of phases in cast Tristelle 5183 from EBSD-derived data (unindexed indicates
fraction of analysed area which could not be assigned to a phase).
Phase γ-Fe Cr7 C3 Nb(C,N) α-Fe Silicide Unindexed
Vol% 76 10 7 4 2 1
8 M.J. Carrington et al. / Materials and Design 164 (2019) 107548dendrites were measured. Using Eq. (1) below, that relates secondary
dendrite arm spacing, λs, to cooling rate, dTdt , where K is a constant for
the alloy [31]:
λs ¼ K dTdt
 −0:33
ð1Þ
It is found that the cooling rate of the mould cast sample is ~10−5
times that of the 63–75 μmpowder, i.e. around 0.8 K/s. By careful inter-
pretation of the cast microstructure, the following solidiﬁcation se-
quence can be proposed for Tristelle 5183 alloy under slow cooling
conditions:
Liquid→Liquidþ Nb C;Nð Þ→Liquidþ Nb C;Nð Þ þ Fe γð Þ→Liquid
þ Nb C;Nð Þ þ Fe γð Þ þM7C3 þ Nb C;Nð Þ scriptð Þ→Nb C;Nð Þ þ Fe γð Þ
þM7C3 þ Nb C;Nð Þ scriptð Þ þ Fe αð Þ þ Fe5Ni3Si2
The above sequence implies that the alloy can be regarded as hyper-
eutectic and that the Nb(C,N) phase is the ﬁrst to solidify (primary
phase) with a faceted or, in some cases, dendritic morphology. These
coarse Nb(C,N) particles are in some cases up to 100 μm in size and
some agglomerates are seen. This could be because the alloy charge in
the atomisation crucible was below the liquidus temperature (i.e. in
the L + Nb(C,N) phase ﬁeld) when the sample was taken for casting.
In order to assess the feasibility of this interpretation, the liquidus tem-
perature of Tristelle 5183was calculated using ThermoCalc [32] and the
TCFe7 steels database. The liquidus temperature of the alloy, i.e. the
temperature for the reaction L→ L+ Nb(C,N), is found to be ~1700 °C.
This is above the probable processing temperature of the melt in the
crucible and therefore supports the hypothesis that some large carbidesFig. 6. (a) and (b) respectively show EBSD derived IPFX orientation and phase distributionmap
the grains in (a) correspond to the crystallographic axes in the relevant stereographic trianglepre-existed in the alloy charge prior to gas atomisation and could well
have agglomerated during the holding time.
Under the slow cooling conditions of mould casting it is evident that
solidiﬁcation continues with the nucleation and growth of dendritic
γ-Fe phase. From the EBSD inverse pole ﬁgure (IPF) map, Fig. 9(b), it
is evident that the γ-Fe grain size is large, i.e. there are relatively few
nucleation events, suggesting that Nb(C,N) particles do not act as potent
nucleation sites for the γ-Fe phase. However, the coarse Nb(C,N) parti-
cles are not apparently pushed by the solidifying dendrites into
interdendritic regions but instead the γ-Fe dendrites engulf the Nb(C,
N) as they grow.
It is apparent from the microstructure that the M7C3 phase is the
next signiﬁcant phase to precipitate out on continued cooling as it is lo-
cated in the interdendritic regions andhas a volume fraction (Table 4) of
almost 10 vol%. Other phaseswhich are observed in the latter regions to
solidify are Nb(C,N) (with a Chinese script-shaped morphology), α-Fe
and a silicide phase isostructural with Fe5Ni3Si2 but whose precise com-
position is uncertain. The morphology of the interdendritic Nb(C,N)
clearly indicates that it formed by solidiﬁcation. However, it is currently
unclear whether α-Fe and Fe5Ni3Si2 both form by solidiﬁcation or
whether α-Fe forms from the melt and Fe5Ni3Si2 forms subsequently
by a solid state transformation at a lower temperature.
4.2. Phase selection and microstructure formation in powder particles
4.2.1. Cooling rate considerations
As described by Yule and Dunkley [18], the cooling rate, dTddt , of a liq-
uid droplet in the gas atomisation process, prior to the onset of solidiﬁ-
cation, can be estimated from the well-known heat ﬂow equations as
follows, providing a number of simplifying assumptions are made as
discussed in Supplementary data:
dTd
dt
¼− 6h
Dρdcpd
 
Td−Tg
  ð2Þ
where h is the heat transfer coefﬁcient between the droplet and the
atomising gas (h is a function of the dimensionless Nusselt number),
Td is the droplet temperature, Tg is the gas temperature, D is the droplet
diameter, ρd is the density of the droplet and cpd is the speciﬁc heat ofs of a powder cross section consistent with the b20 μmpowder size fraction. The colours of
s, the corresponding phases can be identiﬁed in (b).
Fig. 7. Representative microstructure of a powder particle from the b20 μm size fraction.
(a) depicts an STEM bright ﬁeld image where the regions marked (a), (b), (c) and
(d) correspond to the respective SADP's. (a) shows a dendritic region (b), an angular
particle (c), a matrix phase with a cellular structure (d) and a cellular boundary region
(e). (b) is indexed to α-Fe [001], (c) is Nb(C,N) [010], (d) and (e) exhibit the zone axes
[010] and [001] of a phase isostructural to Fe5Ni3Si2.
9M.J. Carrington et al. / Materials and Design 164 (2019) 107548the liquid droplet (J kg−1 K−1). Details of the assumptions and
thermophysical parameters employed for nitrogen gas-atomised
Tristelle 5183 are given in Supplementary Data. The calculations set
out in the Supplementary Data reveal that the cooling rate of a 20 μm
droplet is ~7× 105 K/s and that of a 75 μmdroplet is ~8 × 104 K/s assum-
ing relative gas velocity of 40 m/s. However, the dominating factor is
droplet diameter and clearly the two size fractions examined in detail
in this work (b20 μm and 63–75 μm) have cooling rates that differ by
approximately an order of magnitude, with this difference beingrelatively insensitive to other assumptions including that of relative
gas velocity and gas temperature.
4.3. MX formation
It is evident from the XRD patterns, Fig. 1, that theMX phase is pres-
ent in all powder size fractions. Furthermore, the detailed microstruc-
tural examination of powder cross-sections from the b20 and 63–75
μm size fractions conﬁrmed the presence of Nb(C,N) particles of signif-
icantly different sizes. This is strong evidence that the MX populations
identiﬁed byXRD correlate directlywith theNb(C,N) particles identiﬁed
by microscopy and EDX analysis.
In, for example, the 63–75 μmpowder fraction, large pre-existingNb
(C,N) particles are clearly observed in a number of particle cross sec-
tions (Fig. 4(a) and (d)). The size and, in some cases, roundedmorphol-
ogy of such particles strongly suggests that they did not form during the
rapid solidiﬁcation conditions imposed by gas atomisation. It seems
more likely that they were present in the melt prior to gas atomisation
as explained in Section 4.1 for themould cast sample. Subsequently, we
refer to these particles as pre-existing Nb(C,N). These pre-existing par-
ticles can be seen in all the powder size fractions but are more fre-
quently observed in the larger powder size fractions. This further
supports the hypothesis that large Nb(C,N) pre-existed in the alloy
charge prior to atomisation as, during atomisation, there is a greater sta-
tistical likelihood of small powder particles being free from large Nb(C,
N)particles.
Finer scale (both micron and nano-scale) Nb(C,N) particles are also
evident in all the powder particles investigated through electron mi-
croscopy. It seems most likely that these nucleated from the melt and
remained small due to the limited time available for growth during
the atomisation process. A more detailed interepretation of the forma-
tion of these ﬁne scale carbides, termed primary and secondary Nb(C,
N) is discussed below.
XRD (Fig. 1) has allowed the identiﬁcation of three different MX-
type carbonitride populations, all of which are crystallographically con-
sistent with Nb(C,N). We now argue that the MX populations are re-
lated to the three Nb(C,N) particle populations observed by SEM/TEM
in the powder, namely (i) the pre-existing Nb(C,N); (ii) the micron-
sized primary Nb(C,N) and (iii) the nano-scale secondary Nb(C,N).
The sharp peak shapes and preferred orientation associated with the
MX-1 population are indicative of a carbonitride that is both equili-
brated and microstructurally sparse. The MX-1 population exhibits a
lattice parameter of ~0.446 nm that is close to the value of 0.447 nm re-
ported by Storms et al. [37] for stoichiometric NbC. Therefore, the XRD
peak contributions identiﬁed as MX-1 are most likely to result from
the pre-existing Nb(C,N) population that formed under near equilib-
rium conditions. The broad and somewhat asymmetric nature of the
XRD peaks identiﬁed as MX-2 are characteristic of a population that
has precipitated out and grown during solidiﬁcation; it is expected
that both the composition and lattice parameter increasingly deviate
away from equilibrium due to compositional segregation effects during
growth. The MX-2 population has an averaged approximate lattice pa-
rameter of ~0.444 nm which, in accord with the work of Storms et al.
[37], is typical of a niobium carbide which has formed under conditions
which notably deviate from equilibrium. In light of the above, theMX-2
population is attributed to the primary micron-sized Nb(C,N) (identi-
ﬁed through electron microscopy) that precipitated directly from the
melt prior to iron-matrix phase nucleation. The lattice parameter of
the MX-3 population decreases with increasing cooling rate and is
signiﬁcantly smaller than those of the other two MX populations;
notably, it decreases from ~0.438 to ~0.432 nm as the powder size
decreases i.e. as the cooling rate increases. The increasing deviation
from the equilibrium value would indicate that this MX-3 population
formed far from equilibrium during droplet solidiﬁcation and
crystals are carbon deﬁcient with respect to the stoichiometric NbC
formula [33]. The sensitivity to cooling rate and high deviation
Fig. 8.Microstructure of the intercellular region of a particle consistentwith theb20 μmsize fraction. (a) illustrates a STEMbrightﬁeld imagewhich showsnanoscale particles in the silicide
matrix. (b) illustrates a Nb EDSmap of the region depicted in (a). (c) shows a HRTEMmicrograph of a Nb-rich precipitate and (d) shows the corresponding FFT diffraction pattern from the
box region depicted in (c), indexed to Nb(C,N) [101] zone axis.
10 M.J. Carrington et al. / Materials and Design 164 (2019) 107548from equilibrium could suggest that the MX-3 population is consis-
tent with the nano-scale Nb(C,N) particles which precipitate out in
the very last stages of solidiﬁcation.
4.4. Effect of powder particle size on solidiﬁcation behaviour
The solidiﬁcation path taken by Tristelle 5183 is clearly different for
different powder size fractions as has been revealed by the variation in
the XRD patterns presented in Fig. 1 and further supported by themore
detailed microstructural examination of the b20 and 63–75 μm powder
size fractions. There are two important phenomena to consider before
discussing the detail of microstructural evolution. First, there is the
well-known increase in cooling rate during gas atomisation with
decreasing droplet diameter [18,22]. Secondly, the sub-division of the
melt during atomisation leads to ﬁner droplets being less likely to con-
tain potent heterogenous nuclei. The combined effect is that ﬁner drop-
lets are more likely to achieve larger undercoolings before solid phase
nucleation occurs and so are more likely to solidify directly to metasta-
ble phases rather than forming equilibrium phases on cooling.
It is apparent from Fig. 1 that powder size fractions of 53–63 μm and
above form predominantly γ-Fe with smaller amounts of MX, α-Fe and
silicide phases. It is evident that the solidiﬁcation pathway is markedly
different from that of the mould cast sample as M7C3 formation has
been wholly suppressed. Under the constraint of either slow nucleation
or growth kinetics, stable phases may be suppressed at higher cooling
rates and metastable equilibria may develop [34]. The suppression of
M7C3 is believed to be due to its slow nucleation and growth kinetics asit has a complex crystal structure. Additionally, the dendrite arm spacing
is signiﬁcantly reﬁned compared to the mould cast sample with an aver-
age value ~0.7 μm (Fig. 4(c–d)) compared with ~18 μm (Fig. 9) in the
mould cast sample. It is also notable that in Fig. 4 a clear distinction be-
tween pre-existing Nb(C,N) (up to 20 μm) and primary Nb(C,N) (micron
sized) can be seen, with the latter presumably nucleating from the melt
during cooling. Fig. 4(b) shows the entrainment of primary Nb(C,N)
within the γ-Fe dendrites due to the high initial growth rate of the latter
immediately following nucleation. Solute elements Cr, Nb, Si and C are all
rejected from the γ-phase dendrites during solidiﬁcation into the
interdendritic liquid which must then solidify in the post-recalescence
stage of droplet cooling [22]. This leads to the formation of the nanoscale
interdendritic particles seen in Fig. 4(b) and which TEM (Fig. 5) shows to
be Nb(C,N) and which we refer to as secondary Nb(C,N). These particles
are surrounded by an additional (distinct) interdendritic phase which
has the crystallography of Fe5Ni3Si2 but which contains signiﬁcant Cr.
This interdendritic silicide phase is seen to be signiﬁcantly Cr-enriched
compared with the γ-Fe dendrites and this can be attributed to the Cr re-
jection from the γ-phase dendrites.
In the case of powder size fractions below the 45–53 μm range, it is
clear from Fig. 1 that increasing quantities of bcc α-Fe and silicide
phase form with decreasing powder particle size range. This is con-
ﬁrmed by the quantitative Rietveld analysis data shown in Fig. 3. In gen-
eral, it is through that the deep undercooling of the liquid during
atomisation makes it possible to access the formation of one or more
metastable phases [34–36], this is clearly possible in this alloy system
for sufﬁciently high cooling rates of droplets. The formation of α-Fe
Fig. 9. Typicalmicrostructure of cast Tristelle 5183 alloy. (a) Shows a phase distributionmap overlaid onto a band contrastmapderived fromESBD data showing large Nb(C,N) crystals in a
γ-Fe dendritic matrix (grey) with interdendritic Cr7C3, Nb(C,N), bcc α-Fe and a phase isostructural to Fe5Ni3Si2. (b) shows a IPFY orientation map, where the colours of the grains
correspond to the crystallographic axes in the stereographic triangle for each phase. (c) and (d) are EDS maps of Nb and Si respectively conﬁrming that the large crystals are Nb-rich
and that Si is preferentially segregated to the interdenritic α-Fe and silicide phases.
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work involving ﬁne powder particles of binary or ternary austenitic
iron-based alloys which were gas atomised and rapidly cooled [37,38].
Both of these groups have reported the formation of bcc or α-Fe as the
crystallization phase in the smaller powder (more rapidly cooled) parti-
cles whilst fcc or γ-Fe was the crystallization phase in larger diameter
(more slowly cooled) particles. Typically, after one metastable phase
nucleates, the rapid release of the heat of fusion causes droplet
recalescence and this can allow the nucleation of another metastable
phase at a somewhat higher temperature [34–36]. This phenomenon
is revealed by the microstructure shown Fig. 6 (a cross section of a par-
ticle from the b20 μm size range) where it would appear that α-Fe nu-
cleated at a deep undercooling but its growth into the liquid was
terminated by the nucleation and growth of the silicide phase from an-
other location in the droplet. However, micron-sized Nb(C,N) particles
are still evident in the microstructure suggesting that the cooling rate
was not sufﬁciently rapid to suppress the formation of this stable
phase. The detailed microstructure in a particle such as this is shown
in the TEM images of Figs. 7 and 8 where it can also be seen that ﬁne
scale Nb(C,N) particles also form. Primary angular Nb(C,N) particles ap-
pear to have been engulfed by the silicide phasewhilst much ﬁner 20 to
50 nm sized secondary Nb(C,N) particles are seen (Fig. 8) in the last to
solidify cell boundaries. The silicide phase (Table 4) is close in composi-
tion to that reported by Bowden [5].
One further point to note is the existence of silicide crystal structures
with two distinct lattice parameters (Fig. 2) and the reasons for this are
not fully understood at present. One possible explanation is that powder
particles with different solidiﬁcation pathways are present in a given
powder size fraction. Therefore, it is possible that somepowder particleswill follow the solidiﬁcation path revealed by Fig. 6 (independent nucle-
ation from themelt of a silicide grain), whereas in other particles a grain
of primary α-Fe or γ-Fe could nucleate ﬁrst with silicide phase forming
interdendritically as opposed to nucleating directly from the melt. The
compositions of the silicide phases are evidently different from the stoi-
chiometric values of the equilibrium structures and this is most proba-
bly due to the fact that they formed under highly non-equilibrium
conditions. The compositionsmeasured here are close to those reported
by Bowden et al. in their work on amulticomponent alloy related to the
one studied here [5].
In the gas atomisation process a liquid metal stream is broken up
into droplets by impinging gas jets [18]. The gas stream is turbulent,
and this causes a stochastic dispersion of liquid droplets of different
sizes to form.However, the cooling rate of a given size of dropletwill de-
pend not only on its diameter. The cooling rate will also be affected by
the trajectory a droplet follows in the turbulent gas stream. The conse-
quence of this is that, even in powder particles of similar diameters, dif-
ferent microstructures can be expected. XRD patterns, which arise from
the collection of diffracted X-rays from large numbers of individual par-
ticles, obviously capture this stochastic variability in phase selection and
represent average characteristics of a powder size fraction. In contrast,
microscopy permits imaging of only limited numbers of individual par-
ticles and, indeed, planar sections through them.
Overall, it is evident that in this complex alloy system, metastable
phases can form in small diameter particles as a result of the high
cooling rates to which they are subject. In the manufacture of critical
components from HIP consolidated powder it is potentially important
to avoid microstructural variability in the powder. The current study
demonstrates, therefore, that the classiﬁcation of atomised powder
12 M.J. Carrington et al. / Materials and Design 164 (2019) 107548should be considered prior toHIPing in an effort to avoid the inclusion of
particles containing the non-equilibrium microstructures that may de-
grade the performance of HIPed components.5. Conclusions
1. Gas atomised powders of Tristelle 5183 (Fe-21%Cr-10%Ni-7%Nb-5%
Si-2%C inwt%) exhibit phase proportionswhich changewith powder
particle size range i.e. cooling rate. Estimates of the cooling rate of liq-
uid droplets indicate a change from approximately 8 × 104 to 7
× 105 K/s for droplet sizes of 75 and 20 μm respectively.
2. Particles of diameter greater than approximately 53 μm contain den-
dritic fcc γ-Fe as the principal phase with smaller quantities of α-Fe,
an interdendritic silicide phase isostructural to Fe5Ni3Si2 and ~5% Nb
(C,N). Particles b53 μm have increasing quantities of either dendritic
α-Fe or cellular silicide phasewith decreasing amounts of γ-Fe as the
particle size decreases, along with ~5% Nb(C,N).
3. Coarse (N10 μm) sized Nb(C,N) particles, seen in all powder size frac-
tions, pre-existed in the melt prior to atomisation, whereas micron-
sized Nb(C,N) that are foundwithinα-Fe, γ-Fe or silicide are the pri-
mary solidiﬁcation phase. Nanoscale Nb(C,N) also formed
interdendritically, or in the cell boundaries of the silicide phase, in
the last stages of solidiﬁcation.
4. The Nb(C,N) XRD reﬂections from the gas atomised powders have
been deconvoluted into three populations related to the three dis-
tinct Nb(C,N) morphologies. It is argued that one set of crystals con-
sistent with the Nb(C,N) phase formed under near-equilibrium
conditions whereas the other two populations formed under non-
equilibrium conditions and appear to be carbon deﬁcient with re-
spect to stoichiometric Nb(C,N).
5. The increasing quantities ofα-Fe and silicide in smaller sized powder
particles is consistent with increased undercooling prior to nucle-
ation permitting metastable phase formation.
6. Rapid solidiﬁcation processing signiﬁcantly alters the solidiﬁcation
pathway of this alloy with the complete disappearance of an M7C3
phase which is found in signiﬁcant quantities in a conventional
mould cast sample which forms NbC, γ-Fe, M7C3, α-Fe and silicide
phase in the as-cast condition.Data availability
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